A method was developed using nanoindentation with a spherical indenter to probe the elastic stress-strain response of a given material quantitatively at the nanoscale. To account for the fact that the realistic indenter tip shape is not strictly spherical down at the nanoscale, this method comprises a procedure to calibrate the indentation strain based on the elastic indentation stress-strain data of a reference sample with known elastic modulus. One of the advantages of the nanoindentation-based approach is that it also enables qualitative assessment of the subsequent elastic-to-plastic transition and post yield behavior of the material. An aluminum alloy tested by the present method was shown capable of exhibiting a signi cantly greater strength to resist initial plastic deformation than in the case of tensile testing of bulk samples.
Introduction
Analyzing the stress-strain curve of a material is important in materials research because it contains a large amount of information as to how the material deforms over a wide range of stress conditions. Although the stress-strain behavior of a material may be studied by conventional tensile or compression testing, the fact that the test sample must have a speci c geometry and dimensions severely limits its applicability to materials that are only available in small volumes. There has been considerable recent interest in the stress-strain characterization of materials using nanoindentation taking advantage of its ability to probe the local mechanical response of a material according to a recent review article on this topic alone 1) . Existing methods 1) , however, rely on the assumption of an ideal spherical tip geometry, which is dif cult or impossible to realize in practice as the length scale becomes smaller and smaller into the nanoscale regime.
Tabor 2) showed semiempirically that the representative (plastic) strain due to indentation may be de ned as the tangent of the complimentary angle between the original sample surface and the indenter ank, tan β, multiplied by a tting parameter, γ, determined to be ~0.2 based on the experimental data of a range of metals. A Berkovich tip, a three-sided pyramid shaped tip commonly used in nanoindentation, thus enables evaluation of materials under the same representative (plastic) strain. On the other hand, a spherical tip offers a unique opportunity of characterizing the stress-strain response of a material, as rst demonstrated by Tabor in classic hardness testing of metals 2) and by Field and Swain in nanoindentation of a wider range of materials 3) since β varies with increasing contact depth as shown in Fig. 1 (a) , and that the indentation strain can be conveniently described as
where a is the radius of contact and R is the radius of the indenter having an ideal spherical shape. It is noted that the γ value of ~0.2 adapted by Tabor 2) is based on the experimental results of metals in the plastic deformation regime. Since this study has emphasis on capturing the elastic response and subsequent elastic-to-plastic transition, there is no concrete basis on which to include γ in eq. (1). This study therefore de nes the indentation strain as a/R as a variable that scales with the representative strain. However, the nature of diamond makes it dif cult to fabricate a perfectly spherical shaped diamond indenter with a predetermined radius at the nanometer length scale. To enable the nano-scale stress-strain behavior of a material by nanoindentation, a method is proposed to calibrate the indentation strain in a material associated with a realistic spherical indenter the shape pro le of which is not strictly spherical. The method is demonstrated for a precipitate-hardened 7000 series aluminum alloy, as a common alloy of alu- Fig. 1 Schematic of (a) ideal and (b) non-ideal spherical indenter tip geometries, and (c) the shape pro le of the actual indenter tip used for this study, visualized in the contact depth versus contact radius plot of a dynamic test of fused quartz, where the contact radius was calculated as a = S/(2E r ) using the reduced modulus of fused quartz with diamond (E r = 69.6 GPa), along with the shape pro le de ned by eq. (7) tted to the dynamic test data. minum used in a wide range of industries and applications.
Materials and Methods
An aluminum alloy comprising 2% zinc and 2% magnesium in mol% was solution-treated at 470 C for 3.6 ks in a salt bath (NaNO 3 :KNO 3 = 1:1) and subsequently quenched in iced-water for 60 s before being age-treated in a silicon oil bath at 120 C for 86.4 ks. The sample was electro-polished subsequent to mechanical polishing to relieve residual stresses in the surface, to reduce the surface roughness, and to remove the oxide layer on the surface.
Dynamic indentation tests with a sphero-conical diamond indenter of ~0.4 µm nominal tip radius were performed on fused quartz and the aluminum alloy sample using the nanoDMA ® III dynamic indentation module incorporated in a TI 950 TriboIndenter ® (Hysitron, Inc., Eden Prairie, MN, USA) at the excitation frequencies of 200 Hz and 220 Hz, respectively, at room temperature. This module is capable of measuring the contact stiffness, S, continuously as a function of depth by applying a gradually increasing quasi-static force while simultaneously superimposing a small oscillatory force. It is therefore possible to monitor the depth of indenter in contact with the sample, h c , continuously throughout the duration of a single indentation test via the following equation 4) ,
where h and P are the total penetration depth and the applied load, respectively. During the dynamic tests, the quasi-static component of the load was increased exponentially such that the logarithm of the quasi-static load increased at the rates of ~0.1 s −1 and ~0.05 s −1 for the quartz and alloy samples, respectively, while maintaining the dynamic load amplitude constant at ~6% of the quasi-static load.
Based on Hertzian elastic contact theory 5) , the mean contact pressure, p m , obtained as P divided by the projected area of contact, A, and indentation strain (a/R) are related via
hence the slope of the initial linear portion of the p m versus 4/ (3π)(a/R) plot corresponds to the reduced modulus, E r , of the sample and the indenter. Due to the dif culty in fabricating a perfectly spherical shaped diamond indenter at the nanometer length scale, this study considers the effective indenter tip radius, R eff , as a function of h c based on the following geometrical relationship 6) (see also Fig. 1 (b) ),
Solving eq. (4) for R eff , the effective indenter tip radius is given as 6 )
The relationship between A and h c is known from the predetermined tip area function of the following form (provided that the area function is accurate),
From eq. (6) together with the relation A = πa 2 , the contact radius is expressed as
Substituting eq. (7) into eq. (5), the effective indenter tip radius is expressed as a function of h c so that the effective indentation strain, a/R eff , is obtainable as a continuous function of h c .
Results and Discussion
The shape pro le of the indenter used for this study, determined from the dynamic indentation data of a fused quartz reference specimen, is given in Fig. 1 (c) , wherein the shape pro le does not strictly follow that of a perfect sphere particularly in the contact radius range above ~100 nm, but is described accurately by the tip area function. It is however noted that the effective tip radius determined using fused quartz will not be valid for a sample with its Young s modulus comparable to that of the diamond indenter as the shape change of the indenter becomes non-negligible. Now we consider the p m versus 4/(3π)(a/R eff ) plots of three identical dynamic indentation tests performed on fused quartz. One of the three test results is shown in Fig. 2 (a) , wherein the initial linear portion of the curve (marked in grey color with a solid straight line tted to it) is found not to pass through the origin. We attribute the horizontal axis offset, denoted by e 0 , to the departure of the actual indenter tip shape pro le from an ideal sphere. For a perfectly spherical tipped indenter, the initial linear curve slope should equal the reduced elastic modulus of fused quartz with the diamond indenter (69.6 GPa) according to eq. (3). However, the linear curve slope averaged among the three experiments showed ~82 GPa, which is ~1.18 times greater than 69.6 GPa. Consequently, it is hypothesized that a/R eff − (3π/4)e 0 underestimated the actual indentation strain by a factor of 1.18 due to the departure of the actual indenter tip geometry from a perfectly spherical shape. We thus propose to calibrate the indentation strain in a given material tested with the same indenter as
For this particular indenter, α = 1.18. Having calibrated the indentation strain of the same quartz test using eq. (8) and re-plotting p m as a function of {4/(3π)(a/R eff ) − e 0 } × α, the linear slope of the indentation stress-strain curve in Fig. 2 (b) showed a value identical to the reduced modulus of fused quartz with diamond, as expected. This procedure with the same α value is now applied to the dynamic indentation data of the aluminum alloy performed at a plurality of test locations within a 10 µm × 10 µm square region using the same indenter. The p m versus {4/(3π)(a/ R eff ) − e 0 } × α plots of the alloy showed a considerable scatter despite the effort to pre-condition the sample surface by electro-polishing. In the absence of any experimental artifacts, the reduced modulus obtained as the slope of the initial elastic portion of the p m versus {4/(3π)(a/R eff ) − e 0 } × α plot should be identical to the nanoindentation-derived reduced modulus in the same elastic portion of the data. When this condition was not satis ed, the accuracy of the test was deemed to have been compromised due to possible local surface roughness of the sample or sample/tip surface contamination. The p m versus {4/(3π)(a/R eff ) − e 0 } × α plots of the alloy sample that satis ed this condition (n = 4 tests) are shown in Fig. 3 . It is noted that since the constant α of this particular indenter was determined from the indentation stress-strain curve of the reference material below the proportional limit, that is, below ~20 nm in h c (or below ~120 nm in a), the use of eq. (8) to calibrate the indentation strain outside of this h c range may not be fully justi ed. Thus, strictly speaking, the indentation stress-strain curve of the alloy above 20 nm in h c may be used for qualitative assessment only. Since the elastic behavior of the alloy in the four tests was observed in the h c range up to 10 nm, the Young s modulus may be calculated from the calibrated indentation stressstrain curve below the proportional limit. The Young s modulus of the alloy determined from the four tests was on average ~77 GPa, which agrees with that determined from the tensile testing data of bulk specimens 7) (76.6 GPa) in Fig. 4 . This con rms not only the validity of the proposed procedure to calibrate the indentation strain in a material associated with a realistic spherical indenter but also its ability to probe the elastic response including the Young s modulus of the material at the nanometer length scale. Figure 3 further reveals that the mean contact pressure (p m ) in the material reached a maximum of 2 GPa to 6 GPa whilst still in the elastic regime. Where a material surface is elastically contacted by a sphere, a maximum shear stress of 0.47p m occurs at the depth of approximately one-half the contact radius below the surface 8) . Since plasticity is not initiated in the material at least until the maximum shear stress or 0.47p m exceeds half the yield strength of the material by Tresca s criterion, that is, until p m exceeds ~1.1 times the yield strength of the material 8) , the maximum strength exhibited by the material beneath the indenter at the proportional limit would have been in the range of 2 GPa to 6 GPa. Certainly, this argument requires the working potion of the indenter to be reasonably spherical, and this is con rmed by Fig. 1 (c) . Whereas, as shown in Fig. 4 , the strength of the material determined from the tensile testing of bulk specimens at the proportional limit is ~0.27 GPa, which is one-order of magnitude smaller than the corresponding strength in nanoindentation.
The nanoindentation stress-strain response of the alloy showed an abrupt increase in strain or the phenomenon and an assumed Poisson s ratio of 0.33. Fig. 4 Stress-strain curve of 7000 series Al alloy 7N01-T6 determined by uniaxial tensile testing, reproduced from the literature 7) .
known as pop-in immediately after reaching the upper yield point in the elastic regime. The maximum pop-in excursion depths of the four tests (a), (b), (c) and (d) in Fig. 3 known from the corresponding load-displacement curves (not shown) were ~6 nm, ~28 nm, ~22 nm and ~13 nm, respectively. More careful observation of the pop-in behavior in Fig. 3 reveals that the maximum p m recorded immediately prior to the pop-in scales with the pop-in size, indicated by the length of the arrow. Subsequent to the pop-in, the material reached a lower yield point with p m reaching a plateau at ~2 GPa soon thereafter. A lack of the material s ability to strain-harden in nanoindentation (Fig. 3) is consistent with little or no stress increase observed in tensile testing beyond ~0.7% strain (Fig. 4) . Where a material does not strain-harden, eq. (2) underestimates the contact depth, hence overestimates the mean contact pressure due to pileup of the material outside the contact perimeter 9) . Contact pressure overestimation associated with pileup can be as much as 60% for a pyramidal shaped indenter 9) and can be greater for a spherical indenter 4) . Although the actual mean contact pressure is unknown, it could have been smaller. Thus, the lower yield strength of the alloy in nanoindentation, obtainable as the (true) mean contact pressure divided by the constraint factor of ~3 for plastic deformation regime 2, 8) , would have been rather comparable to the 0.2% yield strength of ~0.32 GPa determined from the tensile testing of bulk specimens (Fig. 4) .
The large variability in the maximum strength or the critical contact pressure of the alloy at the proportional limit prior to pop-in may be explained based on the nite dislocation density expected in the electro-polished alloy surface since the magnitudes of stresses acting on individual pre-existing dislocation sources depend signi cantly on their spatial locations relative to the resulting three-dimensional stress eld due to indentation 10, 11) . Pre-existing dislocation sources right beneath the indenter would be readily activated to initiate yielding at a contact stress as low as that of the lower yield point, as shown in Fig. 3 (a) , whereas a material volume containing no or little dislocation sources would continue to deform elastically until p m reaches a signi cantly greater contact stress, as shown in Fig. 3 (b) , (c) and (d). The presence of small precipitates in the alloy could have also contributed to the variability (in the critical contact pressure) by hindering dislocation motion or altering the local stress distribution. A thin oxide lm that may have formed on the electro-polished sample surface prior to testing could have also added to the observed variability by delaying the onset of pop-in to varying degrees depending on the local thickness and mechanical stability of the lm 12) . The subsequent large pop-in with an excursion depth much greater than the thickness expected of a possible oxide lm would have been driven by dislocation nucleation 10, 11) .
Conclusions
A method was developed using dynamic spherical nanoindentation to characterize the elastic stress-strain response of a material quantitatively at the nanoscale. To account for the fact that the realistic indenter tip shape is not strictly spherical down at the nanometer length scale, the method comprises a simple procedure to calibrate the indentation strain based on the elastic indentation stress-strain data of fused quartz as a reference sample with known elastic modulus. One of the advantages of the nanoindentation-based approach is that it also enables qualitative assessment of the subsequent elastic-to-plastic transition and post yield behavior of the material.
When subjected to localized deformation by a ~0.4 µm nominal radiused tip, the aluminum alloy continued to deform elastically well beyond the yield strength of the material (determined from tensile testing) before undergoing an abrupt elastic-to-plastic transition, as evidenced by the distinct popin. The yield strength of the material beneath the indenter estimated at the lower yield point was rather comparable to the yield strength determined from tensile testing. A lack of the material s ability to strain-harden in nanoindentation was consistent with little or no stress increase observed in tensile testing beyond ~0.7% strain. The remarkable change in the stress-strain response of the aluminum alloy at the reduced length scale down to nanometers, namely the signi cantly enhanced ability to resist initial plastic deformation prior to pop-in, may be explained based on the nite dislocation density expected in the material.
The present method for characterizing the nano-scale stress-strain behavior of a material was successfully demonstrated for an aluminum alloy. This method will be particularly useful for studying materials the mechanical responses of which depend signi cantly on the length scale of testing as well as those that are only available in small volumes, to which conventional tensile or compression testing is dif cult to apply due to the dimensional and geometrical requirements of the test specimens.
